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a b s t r a c t 

As the numbers of medium- to high-entropy alloys being studied and impressive structural properties 

they exhibit increase rapidly, questions regarding the role played by their complex chemical fluctuations 

rise concomitantly. Here, using a combination of large-scale molecular dynamics (MD), a hybrid MD and 

Monte-Carlo simulation method, and crystal defect analysis, we investigate the role lattice distortion (LD) 

and chemical short-range order (CSRO) play in the nucleation and evolution of dislocations and nan- 

otwins with straining in single crystal and nanocrystalline CoCrNi, a medium entropy alloy (MEA). LD 

and CSRO effects are elucidated by comparisons with responses from a hypothetical pure A -atom alloy, 

which bears the same bulk properties of the nominal MEA but no LD and no CSRO. The analysis reveals 

that yield strengths are determined by the strain to nucleate Shockley partial dislocations, and LD lowers 

this strain, while higher degrees of CSRO increase it. We show that while these partials prefer to nucle- 

ate in the CoCr clusters, regardless of their size, they find it increasingly difficult to propagate away from 

these sites as the level of CSRO increases. After yield, nanotwin nucleation occurs via reactions of mobile 

Shockley partials and is promoted in MEAs, due to the enhanced glide resistance resulting from LD and 

CSRO. 

© 2020 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved. 
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1. Introduction 

As a new class of metallic crystalline materials, multi-principal

element alloys (MPEAs), also named medium entropy alloys

(MEAs) for ternary systems and high entropy alloys (HEAs) for qua-

ternary, quinary, or senary systems, have been attracting much at-

tention in the structural metals research community [1–7] . These

novel alloys are comprised of atoms of, not one main element,

but multiple principal elements, distributed in nearly equiatomic

proportions at crystalline lattice sites, with typically either a face-

centered cubic (FCC) or body-center cubic (BCC) arrangement. In

solid solution, their nominal compositions lie in the central region

of their multi-component phase diagram [2,7] . In contrast, tradi-
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ional alloy systems consist of one dominant element, making up

he matrix, and several other elements at substantially smaller pro-

ortions. Some MPEAs exhibit outstandingly superior mechanical

roperties than conventional alloys [8–10] . Investigations into the

nderlying microscopic and nanoscale mechanisms have connected

he exceptional MPEA performance with a multiplicity of mecha-

isms, such as rugged dislocation glide, profuse partial dislocation

ctivity, stacking fault formation, and nanotwinning, and the syn-

rgies among them [1,11,12] . 

Over the past two decades, MPEAs with CoCrNi-based FCC com-

ositions have served as prime examples of the plethora of en-

anced structural properties MPEAs can offer. These MPEAs have

emonstrated high strength, ductility, fracture toughness, impact

nd radiation resistance [13] . The two more popular MEAs in this

lass are the CoCrFeMnNi HEA (also known as the Cantor alloy,

he original MPEA) [14] and the CoCrNi MEA [15] . Both alloys pos-

ess outstanding fracture toughness at room and cryogenic tem-

eratures [16,17] . Superior to the Cantor alloy, the CoCrNi MEA

lso achieves high tensile strength, ductility and toughness [18] .

https://doi.org/10.1016/j.actamat.2020.08.044
http://www.ScienceDirect.com
http://www.elsevier.com/locate/actamat
http://crossmark.crossref.org/dialog/?doi=10.1016/j.actamat.2020.08.044&domain=pdf
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ecently, a series of experiments were conducted to investigate

he tensile behavior of CoCrNi MEA at cryogenic and room tem-

eratures [19–26] . Again they find that this MEA exhibits a multi-

licity of deformation mechanisms, including multiple slip in the

arly stages of straining, followed by a high propensity for nan-

twinning or hierarchical twin network formation. To further tailor

he mechanical properties of CoCrNi MEA, some researchers have

ttempted to introduce nanotwins or dislocations/stacking faults

SFs) by pre-deformation, involving torsion [27–30] , cold rolling

31,32] , pulsed laser surface treatments [33] and shape-preserving

achining [34] . They found that the subgranular twins or SFs

nfluenced defect evolution during subsequent straining and the

hange resulted in enhancements in the strength and ductility. 

The unusual and desirable performance of MEAs have motivated

esearchers to identify relationships between the active mecha-

isms and the atomic-scale properties unique to MEAs. Given the

ix of neighboring atoms with different atomic sizes, lattice dis-

ortion (LD) is one inevitable property within MPEAs. LD varies

ith the types of atomic species in the MPEA [35–37] . Zhao et al

38,39] built a theoretical model that forecasts a linear correlation

etween LD and the lattice friction stress in FCC MPEAs and spec-

lated that the LD-induced high friction stress gives MPEAs their

igh strength. Wang et al [40] found that LD results in varying

islocation dissociation widths along the dislocation line and influ-

nces dislocation motion by introducing a relatively higher energy

arrier, which leads to its high strength. Yin and Curtin suggested

hat the excellent strength in the CoCrFeNiPd HEA, compared to

he CoCrFeNi HEA, can be mainly attributed to the significant mis-

t volume of Pd with the other four elements in the mix, i.e., Co,

r, Fe and Ni [41] . 

In addition to LD, atomic-scale fluctuations in composition and

onfiguration can also affect the selection of deformation mecha-

isms. An ideal, statistically uniformly random ensemble of atoms

n an MPEA likely exists only at high temperatures. At low tem-

eratures or after long-time annealing, however, a random atomic

istribution would decompose into local chemical ordering of cer-

ain compositions [42] . If such ordering leads to desirable mech-

nisms, the range of composition fluctuations can be tailored by

hoosing the processing or annealing temperature and time sched-

les. Thus, another critical question arises concerning the influ-

nce of short-range chemical ordering on mechanism selection and

verall strength and ductility. To this end, the classic concept of

hemical short-range order (CSRO) [43–45] has been adopted by

PEA researchers to quantify the deviation from ideal atomic ran-

omness. Direct observation of CSRO in CoCrNi MEA was recently

chieved by transmission electron microscopy (TEM) analysis [46] .

n the modeling side, however, to date, most atomic-scale sim-

lations, such as molecular dynamics (MD) studies on the plas-

ic behavior of SC and NC MPEAs under tension, compression or

hear [47–52] utilize ideally random atomic configurations. There-

ore, only the effects of LD and not CSRO were taken into account. 

A few recent computational studies have considered CSRO. Ding

t al [53] conducted density functional theory (DFT) calculations

o study the effect of CSRO in CoCrNi MEA on stacking fault en-

rgy (SFE) and obtained a monotonic rise in the SFE, ranging from

he negative to the positive values, with increasing degree of CSRO.

lso using DFT calculations, Yin et al [54] showed CSRO can reduce

he spatial heterogeneity of dislocation core energies and narrow

heir distribution in a BCC HEA. Li et al [55] utilized atomistic sim-

lations to investigate how CSRO influences dislocation motion in

oCrNi MEA. They found the local CSRO distribution determines

he fluctuations in the local energy barrier, requiring segments of a

ong dislocation to depin from the higher energy barrier locations,

hus increasing the strength of the MPEA. Via atomistic simulations

n FCC HEA, Antillon et al [56] demonstrated that the critical stress

o unpin a dislocation rises with increasing levels of CSRO. 
To identify the effects of LD and CSRO separately and to under-

tand their role in changing MPEAs mechanisms or mechanical re-

ponse, it helps to compare them with a pure metal or traditional

lloy that lacks LD or CSRO. Most calculations or experiments to

ate, however, study dislocation behavior in MPEAs with LD and/or

SRO in an absolute sense. For instance, experimentally, the local

tomic structure of the MEA CoCrNi, measured by the extended

-ray absorption fine structure (EXAFS) technique [57] , is the av-

rage of LD and CSRO over a relatively large volume of material.

ome atomistic studies have engaged a single element reference

aterial, to which MPEA computations are compared. For exam-

le in [58,59] , one or more of the pure metal components of the

PEA have been selected for the reference material. However, such

 comparison, while intuitive, may not be straightforward, since

ure metals have other physical properties distinct from their par-

nt MPEA alloy, apart from just lack of LD and CSRO. As a pos-

ible reference, Varvenne et al. [60] proposed a hypothetical pure

etal produced by an average-atom ( A -atom) interatomic poten-

ial [61] . Originating from the embedded-atom-method (EAM) al-

oy potential, the A -atom potential provides a mean-field represen-

ation of the MPEA, by approximating the interaction between any

wo constituent elements as a weighted average. The single atom

ond properties are consistent with that of the average MPEA.

hey showed that it calculates bulk average properties of the ran-

om MPEA. Another work [62] demonstrated the similarity in the

eneralized stacking fault energy (GSFE) curves obtained by the A -

tom and alloy potentials for two BCC MEAs (MoNbTi and NbTiZr).

In this work, we utilize the MD method to study the effects

f LD and CSRO on the deformation mechanisms and tensile be-

avior of single crystal (SC) and nanocrystalline (NC) CoCrNi MEA.

o help reveal their effects in isolation, calculations are repeated

n the A -atom alloy with no LD or CSRO. To obtain MEAs with

ifferent CSRO, hybrid MD and Monte Carlo (MC) simulations are

erformed using three different annealing temperatures. We con-

ider two SC orientations, one known to produce twins in pure

CC SCs and another not, and two deformation temperatures, 1 K

nd 300 K, to address thermal effects. In the SCs and NCs of both

EAs and the A -atom material, we reveal that yield is controlled

y the strain to first nucleate Shockley partials (SPs). It is found

ere that LD lowers the critical strain to form SPs, while CSRO in-

reases it, causing the A -atom SC material to achieve the highest

trength and the SC random MEA the lowest. We show that the

Ps preferentially nucleate inside the CoCr clusters, but with higher

SRO, find it harder to propagate away from these nucleation site.

fter yield, both LD and CSRO lead to slower moving SPs, lower

ensities of mobile SPs, and more nanotwins. Last, in NC MEAs, we

emonstrate that both higher densities of mobile SPs and further

nhancements in strength can be achieved by introducing subgran-

lar nanotwins prior to mechanical deformation. 

. Methodology 

MD calculations are performed using the Large-scale

tomic/Molecular Massively Parallel Simulator (LAMMPS) [63] .

he atomic interactions within the MEA Co-Cr-Ni system are

epresented by the EAM interatomic potential developed by Li

t al [55] , which has been used in a few recent MD studies

nvolving dislocation nucleation and motion [55,64] . Based on this

AM potential, we develop an A -atom potential using the method

n Ref. [60] , which we then proceed to use here for the A -atom

aterial. 

To build atomic-scale models for the SC and NC MEAs, we be-

in with SC and NC models of pure Ni. The dimensions for both

odels are ∼ 27.2 nm × 27.5 nm × 27.7 nm. With these dimen-

ions, the SC Ni model has 1.84 million atoms and the NC Ni sam-

le 1.75 million atoms. The SC is oriented with its [1 1 0] , [11 2 ] and
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Fig. 1. The atomic configurations of (a) nanocrystals (NC) and those with (b) twin boundaries (TBs) or (c) intrinsic stacking faults (ISFs) inserted. Face-centered cubic (FCC), 

TB, SF atoms and those with unknown coordination structure are colored by green, blue, red and gray, respectively. The inserted TBs and ISFs are at the same positions of 

the grains and the spacing between TBs or ISFs is 2 nm. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this 

article.) 

Fig. 2. (a)-(c) The representative atomic configurations for 350KMDMC, 950KMDMC and random single crystalline (SC) CoCrNi samples, respectively. (d) Pairwise chemical 

short-range order (CSRO) parameter α1 
i j 

(see methodology) at 0 K, (e) radial distribution function (RDF) g ( r ) at 0 K and (f) full width at half maximum (FWHM) of g ( r ) at 

0, 1 and 300 K for A -atom (see introduction) SC and various SC CoCrNi MEA samples. CSRO parameters for the random sample in (d) and FWHM for 0 K A -atom sample 

in (f) are unrecognizable due to an absolute value that is very close to zero. In (e), FWHM of random sample is shown for example. Here, 350KMDMC, 950KMDMC and 

1350KMDMC denote the samples annealed at 350 K, 950 K and 1350 K during hybrid MD/MC simulations, respectively. Random and A -atom refer to samples with an ideally 

uniform random atomic distribution and a mean-field model of the MEA produced by an A -atom potential, respectively. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

t  

F  

M  

l  

M  

w  

t  

t  

a  

t  

p  

q  

n

 

9  

u  

b  

‘  

i  

‘  

r  

i

 

t  

o  

s  
[111] aligned respectively with the x -, y - and z -axes. For the NC

Ni model, we use the Poisson-Voronoi tessellation method [65] to

generate 27 randomly oriented grains with an average size of ∼
11.4 nm. The resulting nanostructure is shown in Fig. 1 (a). For the

NC sample, we further investigate the role of pre-existing subgran-

ular nanotwins and intrinsic stacking fault (ISFs) on the deforma-

tion response. The twin boundaries (TBs) or ISFs are inserted into

every grain with a spacing of 2 nm, following methods described in

[66,67] . These nanostructures are built to contain the same density

of TBs or ISFs. Fig. 1 (b–c) presents the final NC structures contain-

ing subgranular nanotwins and ISFs. 

Next, the pure Ni SC and NC samples are used to create SC and

NC CoCrNi MEAs with completely random atomic distributions. The

Ni atoms are randomly substituted by Co or Cr atoms until the de-

sired equal molar composition (Co:Cr:Ni = 1:1:1) is reached. The

final result is referred to as the random SC CoCrNi and NC CoCrNi

or MEA samples. 

Starting with the pure Ni SC and NC samples, three classes of

structures of distinctly different CSRO were created with the same

nominal chemical composition using a hybrid MD and MC simula-

tion method. First, using the MC technique, the chemical poten-

tial differences between Ni and Cr or Co are determined under

the semi-grand-canonical (SGC) ensemble at 1500 K. The values

obtained from this step are �μNi −Co = 0 . 021 eV and �μNi −Cr =
0 . 32 eV. Next, we employ the hybrid MD/MC method under the

variance-constrained semi-grand-canonical (VCSGC) ensemble for
hree different annealing temperatures of 350, 950 and 1350 K.

or this step, the MD timestep is set to 2.5 fs [55] . During the

D simulations with the NPT ensemble, the samples are equi-

ibrated at the prescribed annealing temperature. For every 20

D steps, there is one MC cycle, wherein VCSGC MC operations

ith �μNi −Co = 0 . 021 eV, �μNi −Cr = 0 . 32 eV and a κ parame-

er of 10 0 0 are performed on a quarter of the atoms, poten-

ially resulting in the replacement of some Ni atoms by Co or Cr

toms. After 60,0 0 0 MC cycles, the equilibrium configurations with

he equimolar composition and thermodynamically correct occu-

ation of atomic sites are achieved. Last, these structures are then

uenched to 1 K and the system energy minimized until all three

ormal stresses are zero. 

Fig. 2 (a–c) displays the atomic configurations for 350KMDMC,

50KMDMC and random SC CoCrNi samples, respectively. We

se ‘number+K+MDMC’ to denote the sample obtained by hy-

rid MD/MC simulation at a specific annealing temperature. The

350KMDMC’, for instance, represents the sample created by us-

ng hybrid MD/MC simulation at 350 K. For NC samples, the name

number+K+MDMC’ is followed by ‘NC’, ‘NC-TB’ or ‘NC-ISF’, which

epresents the NC without TBs or ISFs inserted, the NC with TBs

nserted, and NC with ISFs inserted, respectively ( Fig. 1 (a–c)). 

As mentioned in the introduction, a pure metal reference ma-

erial bearing the same mean properties of the MEA but no SRO

r LD, called the A -atom material, is constructed and tested along-

ide the MEAs. To build the SC and NC A -atom counterparts, we
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se the same methods as those described for Ni but with A -atoms

nstead. 

For each structure, the degree of CSRO and LD are quantified.

SRO is measured using Warren-Cowley SRO parameters, αn 
i j 

=
p n 

i j 
−c j 

δi j −c j 
, where n means the n th nearest-neighbor shell of the cen-

ral i -type atom, p n 
i j 

denotes the probability of a j -type atom being

round an atom of type i within the n th shell, c j is the concentra-

ion of j -type atom, and δij is the Kronecker delta function [44,45] .

ccordingly, a value of zero represents a system with completely

andom atomic distribution. A tendency for segregation or local or-

ering corresponds to a positive αn 
i j 

for pairs of the same species

i.e., i = j) or a negative αn 
i j 

for those of different species (i.e., i � = j ),

espectively. Larger positive values for same species pairs or larger

egative values for unlike species pairs signify higher degrees of

SRO. Average LDs for the sample are quantified based on calcu-

ating and comparing the radial distribution functions (RDF) g ( r )

or the MEAs and A -atom sample. The g ( r ) is defined as the first

earest neighbor shell (i.e., n = 1) over the interatomic distance r . 

As part of verifying the potentials, we compare the lattice con-

tants, cohesive energies, elastic constants, intrinsic and unsta-

le SFEs of the A -atom sample and the random CoCrNi MEA in

able B.1 of the Appendix. As shown, the values between the ran-

om CoCrNi and A -atom samples are similar. The {111} GSFE curves

or different CoCrNi MEA samples are also calculated and shown in

ig. A.1 (a) in the Appendix using the method in [68] . Each {111}

SFE curve represents an average of 120 distinct, parallel planes

n the SC MEA. For the random sample, the intrinsic SFE is neg-

tive, consistent with that reported in previous DFT calculations

f CoCrNi [53] . We also mention here some additional GSFE cal-

ulations in Fig. A.1 (b) in the Appendix for the MEAs annealed at

ncreasing temperatures and concomitantly with decreasing CSRO.

verall, they show that larger value of CSRO leads to higher intrin-

ic SFEs and unstable SFEs. 

The final SC and NC structures are used in subsequent deforma-

ion loading and property calculations. In tensile loading, the NPT

nsemble and periodic boundary conditions (PBCs) along all direc-

ions are maintained, a constant strain rate of 5 ×10 8 s −1 is applied,

nd the MD timestep is reduced to 1 fs. To alter the LD in the

EAs, we perform SC and NC calculations at two loading temper-

tures (i.e., 1 and 300 K). In the SC tests, we further consider two

oading orientations: [1 1 0] or [111]. The [1 1 0] sample is deformed

long the x - and the [111] sample along the z -axis. Theoretically,

he [111] orientation in tension is known as a twinning orientation

or pure FCC crystals, since the stress state promotes the separation

istance between two SPs of an extended dislocation to continu-

lly expand under increasing stress [69–73] . The [1 1 0] orientation

s not expected to promote twinning, since the stress state con-

inually narrows the SP distance with increasing stress. Finally, in

he NC tests, the samples are deformed along the x direction. To

chieve a uniaxial stress state in all the tests, a zero normal stress

s maintained along the other two directions. 

To visualize the crystalline defects before and in each strain

tep, we use the dislocation analysis (DXA) method [74] imple-

ented in OVITO [75] . Four types of defects will be important

n the analyses to come, i.e., stair-rods, Hirth locks, Shockley and

erfect dislocations. Stair-rods are associated with the sessile seg-

ents of Lomer-Cottrell locks, while the stacking faults (SFs) of

omer-Cottrell locks are counted separately as part of the SF den-

ity. Both stair-rods and Hirth locks are sessile and hence regarded

s barriers to dislocation motion [76] , whereas SP dislocations and

erfect dislocations are glissile and enable plasticity. We also use

he crystal analysis method of [77] to distinguish SFs from coher-

nt twin boundaries (TBs) and identify crystalline structures, such

s FCC, BCC and hexagonal close-packed (HCP). Last, we monitor

he strain (or time) evolution of the densities of nanotwins, TBs
nd SFs. In the NC samples, to consider only lattice dislocations in

he interior of grains, we exclude the grain boundary (GB) atoms

hen carrying out the DXA analysis. 

. Results and discussion 

.1. Single crystalline MEA 

.1.1. Characterization of LD and CSRO 

Fig. 2 (a–c) shows the atomic structures of various SC MEAs.

ocal CoCr ordering and Ni segregation can be seen in the

50KMDMC and 950KMDMC samples in Fig. 2 (a) and (b), respec-

ively. Fig. 2 (d) presents the average α1 
i j 

for the SC CoCrNi MEA

amples at 0 K. As expected, the random sample has virtually no

SRO, as indicated by the nearly zero absolute values of all α1 
i j 

pa-

ameters. The other CoCrNi SCs, generated at different annealing

emperatures, exhibit evidence of CSRO with large values of both
1 
CoCr and α1 

NiNi 
. The lower the annealing temperature, the larger

he value of CSRO α1 
i j 
, with the 350KMCMD sample possessing the

reatest degree of CSRO. 

Fig. 2 (e) shows the g ( r ) for the A -atom and various SC CoCrNi

EA samples at 0 K. When atomic positions in metals deviate from

heir ideal, regular lattice sites, the full width at half maximum

FWHM) of g ( r ) expands. At 0 K, only the LD would contribute

o the expansion of the FWHM, with larger LD leading to broader

WHM [78] . In the pure A -atom metal, all atoms are positioned

t ideal lattice sites, the LD is zero, and the FWHM of g ( r ) is ex-

remely narrow ( Fig. 2 (e)). The FWHMs of the SC CoCrNi MEAs, on

he other hand, are relatively broader, indicating LD. 

For these same SCs, Fig. 2 (f) compares the FWHM at 0 K, 1 K

nd 300 K. At finite temperatures, both LD and thermal vibrations

ontribute to the FWHM. Even for the A -atom sample, the FWHM

s non-zero at 1 K and 300 K. However, since there is no LD in the

 -atom sample at any temperature, its FWHM solely results from

hermal vibrations. The LD of the CoCrNi MEA samples at finite

emperature can, therefore, be estimated by subtracting the FWHM

f the A -atom sample from that of the CoCrNi MEA sample at the

ame temperature. Accordingly, from Fig. 2 (f), when the tempera-

ure increases from 1 K to 300 K, the FWHM differences decrease,

ndicating a reduction in LD in the CoCrNi MEA samples. This ten-

ency has also been reported previously [78] . The lattice expands

ith the rise in temperature, reducing the LD since the distortions

ecome less significant within an expanded lattice. 

At any finite temperature, the LDs of CoCrNi samples of differ-

ng levels of CSRO increase with decreases in the degree of CSRO,

ndicating a negative correlation between LD and CSRO. Yet, we

bserve that the CSRO effect on LD is slight, and overall, the LDs

mong the three MEAs at a given temperature are nearly the same,

 result we will exploit later in the analysis. 

Based on the LD and CSRO determined for these structures, we

roceed to calculate the deformation responses only for a subset

f them, namely, the A -atom, 350KMDMC, 950KMDMC and ran-

om SC CoCrNi samples and the A -atom, 350KMDMC and random

oCrNi NC samples. 

.1.2. Single crystal deformation response 

Fig. 3 compares the SC tensile stress-strain response for the

hree MEAs and the A -atom sample when tested in two crystal-

ographic directions and at 1 K and 300 K. The 1 K deformation

esponses exhibit similar characteristics, displaying a linear rise in

tress with strain to a peak value, followed by a steep drop to a

ower, non-zero stress. If we assign the strength to this peak stress,

hen the A -atom material provides a substantially higher strength

han the MEAs. Among the MEAs, the differences are relatively

mall, with the random MEA giving the lowest strength for a given

est direction and temperature. 
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Fig. 3. Tensile stress-strain curves for SC CoCrNi and A -atom samples at (a)-(b) 1 K and (c)-(d) 300 K deformed along the [1 1 0] and [111] directions, respectively. 
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When elevating the temperature from 1 K to 300 K, all SCs ex-

perience a reduction in the peak stress and strain at which the

peak stress is reached. The shape of the stress-strain curves and

the rank order among the A -atom and MEAs is, however, pre-

served. While the weakening effect of temperature can be antic-

ipated, it is interesting to note that the A -atom experiences the

largest drop in strength compared to all MEAs, suggesting an en-

hanced stability with respect to temperature for the MEA. 

In pure metals, the [1 1 0] > orientation is expected to be weaker

than the [111] orientation, an anisotropy that has been reported

in many prior experimental studies [79–83] . As confirmation, the

pure metal, A -atom sample, exhibits the expected anisotropy in

strength with [111] > [1 1 0]. The same anisotropy also emerges in

all three MEAs at both temperatures. Evidently, the CSRO and LDs

existing in the MEAs do not alter the conventional SC anisotropy.

In the A -atom SCs, however, the anisotropy is more severe than in

the MEA SCs. Generally, the lower plastic anisotropy of the MEA

SC would be considered desirable and suggest more homogeneous

deformation. 

The strength of FCC metals has been linked to the unstable SFE

γ usf and its association as an energy barrier to emit a leading SP

[84] . Fig. A.1 (a) compares the GSFE curves for the A -atom mate-

rial and the MEAs, showing only slight differences in their unsta-

ble SFE γ usf . Thus, the substantially stronger A -atom single crystal

over the MEA crystals and the differences in strengths among the

MEAs cannot be explained simply by their γ usf . In what follows,

we investigate the role played by CSRO and LD, two MEA char-

acteristics not present in the A -atom material, in governing their

strengths. 
.1.3. Investigating the effects of lattice distortion 

To further isolate the effects of LDs from those of CSRO, we

nalyze the deformation mechanisms underlying the responses of

he random CoCrNi and A -atom samples. The random CoCrNi bears

Ds and the A -atom does not, while neither one possesses CSRO.

ig. 4 shows the strain evolution in the density of mobile SPs

nd perfect dislocations, SFs and TBs, and stored dislocations for

he random CoCrNi and A -atom at 1 K in the two test directions.

he analysis shows that in every SC, the contribution from glide

f SPs is large but that from perfect dislocations is minimal. It is

lso found that the peak stress corresponds to the moment when

Ps first nucleate and SFs concomitantly form, indicating that the

Cs deform elastically up to the peak stress. The A -atom has a

uch higher Young’s modulus and strain to first SP nucleation

han the random MEA. These comparisons, thus, associate LD with

 reduction in both the Young’s modulus and strain to first SP

ormation. 

As straining continues after the peak stress is reached, the

tress drops precipitously as SPs continue to proliferate and prop-

gate. Within this post-yield straining period, the deformation

echanisms that ensue depend on test direction. As mentioned,

ased on pure metal FCC behavior, some twinning is expected to

ccur in the [111] SC tensile test but not in the [1 1 0] SC ten-

ile test. Consistent with conventional FCC SC response, in the A -

tom [111] SC, a small fraction of nanotwins form and propagate,

s seen by the small rise in TB density shortly after SP forma-

ion in Fig. 4 (h). In the A -atom [1 1 0] SC, the deformation contin-

es to be accommodated predominantly by SP motion followed by

F formation as seen in Fig. 4 (g). More dislocation activities, in-
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Fig. 4. (a)-(d) Tensile stress-strain curves for the SC random CoCrNi and A -atom samples at 1 K deformed along the [1 1 0] and [111] crystallographic directions, respectively. 

The corresponding (e)-(h) planar fault (TB and SF) densities and (i)-(l) dislocation densities as functions of strain, respectively. (m)-(p) The corresponding atomic configura- 

tions at points B, D, F and H of stress-strain curves, respectively. Here, the atomic color scheme follows that used in Fig. 1 and the definitions of random and A -atom samples 

are consistent with those in Fig. 2 . 
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luding Shockley, Hirth, stair-rod and perfect dislocations, occur

uring tension in the [111] direction than in the [1 1 0] direction

 Fig. 4 (k) versus (l)). This response is similar to that seen in the

andom CoCrNi sample, as shown in Fig. 4 (o) and (p). Compared

o the random CoCrNi MEA, the A -atom sample generates much

ore SFs and immobile dislocations ( Fig. 4 (g),(h),(k) and (l)). This

utcome reveals that more dislocation reactions are favored in the

arly stages of plasticity in the A -atom sample than in the random

oCrNi MEA. 

In the random MEA test, however, the deformation is accommo-

ated by substantial amounts of nanotwinning (as seen in snap-

hots at B and D in ( Fig. 4 (m–n)). In particular, in comparing

ig. 4 (e),(m) and (i), we find that more TBs are generated in the

ample strained in the [1 1 0] direction than in the [111] direction.

vidently LD has aided the formation of nanotwins, even in a con-

entionally non-twinning orientation. With further straining, nan-

twinning in the [1 1 0] SC is later followed by detwinning, as indi-

ated by the drop in TB density. In contrast, as strain increases in

he [111] SC, detwinning does not occur, but rather stored defect

ensities increases, giving rise to the observed strain hardening. In

his orientation, SPs intersect, react and form Lomer or Hirth locks

as marked by the dash box in Fig. 4 (n)), which is evidenced by

he high densities of SFs, stair-rod and Hirth dislocations seen in

ig. 4 (f) and (j). Lomer and Hirth locks block moving SPs, convert-

ng them into immobile dislocations. 
When increasing from 1 K to 300 K, the LD in the random MEA

as decreased but the thermal vibrations in both the random MEA

nd A -atom have significantly increased, and virtually to the same

mount ( Fig. 2 (f)), making any contributions from LDs existing only

n the random material comparatively small. In both the SC A -atom

nd random MEA, the strength drops when going from 1 K to

00 K ( Fig. 4 (a–d) versus Fig. 5 (a–d)). The strength reduction in A -

tom sample is significant, being ∼ 5.0 GPa in the [1 1 0] direction

nd ∼ 11.0 GPa in the [111] direction. In contrast, the strength re-

uction in the random CoCrNi MEA is much smaller, being only ∼
.8 GPa in the [1 1 0] direction and ∼ 2.0 GPa in the [111] direction.

Fig. 5 presents an analysis of the underlying glissile and ses-

ile defect densities. Similar to the 1 K response, the peak stresses

n the A -atom and random MEA response correspond to the strain

o first nucleate SPs. Therefore, these two SC materials yield at

ower stresses at 300 K compared to 1 K due to the greater ease

f first nucleating SPs. The critical strain for SP nucleation in the

 -atom sample is much lower at 300 K than at 1 K, with reduc-

ions of 28.4% in the [1 1 0] direction and 38.3% in the [111] direc-

ion. As the A -atom lacks LD, this reduction implies that the in-

ense atomic thermal vibrations, accompanying the higher temper-

ture, lowered the critical strain for SP nucleation. Thermal fluc-

uations are known to aid in overcoming the energy barrier for

islocation nucleation. Here, the results indicate that they have a

imilar effect on SP nucleation as LDs. With the increase in tem-
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Fig. 5. (a)-(d) Tensile stress-strain curves for the SC random CoCrNi and A -atom samples at 300 K deformed along the [1 1 0] and [111] crystallographic directions, respec- 

tively. The corresponding (e)-(h) planar fault (TB and SF) densities and (i)-(l) dislocation densities as functions of strain, respectively. (m)-(p) The corresponding atomic 

configurations at points B’, D’, F’ and H’ of stress-strain curves, respectively. Here, the atomic coloring follows that used in Fig. 1 and the definitions of random and A -atom 

samples are consistent with those used in Fig. 2 . 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Fig. 6. The average speed of SP dislocations in A -atom and various CoCrNi SC sam- 

ples with tension along [1 1 0] direction at 1 K. 

3

 

a  
perature from 1 K to 300 K, the critical strains for SP nucleation

in the random CoCrNi MEA remain virtually unchanged or slightly

reduced for both the [1 1 0] and [111] orientations. Again, it appears

that LDs at 1 K are playing a similar role in reducing the nucle-

ation strain as thermal vibrations are playing at 300 K. The net

effect is an apparent thermal stability in yield strength of the SC

MEA. 

With the analysis in Fig. 5 , we further examine the SP slip and

twinning evolution after yield at 300 K. For reference, in the A -

atom sample, the relative contributions of nanotwinning compared

to SP glide have nearly doubled at the higher temperature. For the

random CoCrNi MEA, however, the mechanisms have not changed

significantly from those at 1 K. Second, at 300 K, both the A -atom

and random MEA have similar evolution in deformation mecha-

nisms with straining beyond yield. They both deform by SP glide

and nanotwinning for the same test direction. Considering there is

no LD but only thermal vibrations in the A -atom sample at 300 K,

the similarity between the random MEA and pure metal A -atom

further supports the notion that atomic thermal vibrations and LD

play similar roles in encouraging nanotwinning and slip by SPs. 

With calculation of the SP and SF density evolution, we esti-

mate the average speed of the SP dislocations (see Appendix C).

Fig. 6 shows the average speed in the initial stages of straining in

the [1 1 0] SCs at 1 K before prevalent lock formation accumulates.

Comparing the A -atom and random MEA SCs indicates that LD has

slowed down SP motion. A similar finding was reported in [40,55] .

i  
.1.4. Nanotwin nucleation and detwinning mechanisms 

The mechanisms for forming nanotwins in the [111] A -atom SC

nd two MEA SC orientations are found to be the same. They all

nitiate by dislocation slip [85] , explaining why nanotwins appear
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Fig. 7. (a)-(b) Atomic configurations and the corresponding schematics for nan- 

otwinning. (c) Atomic configurations and the corresponding schematic for detwin- 

ning. The atomic coloring follows Fig. 1 . 
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nly after the peak stress and after some amount of SPs have prop-

gated. One mechanism involves the formation of a two-layer twin

ia the glide of two SP dislocations propagating on two parallel

nd adjacent glide planes. They can glide in either the same or

pposite directions [86–88] . Fig. 7 (a) shows an example of the lat-

er mechanism seen in the random MEA SC. Following SP dislo-

ation ( ε = 7 . 220% ), each SF has two atomic layers and these two

eighboring SFs (SF1 and SF2) span three atomic layers. Once the

Ps overlap each other ( ε = 7 . 250% ), the middle atomic layer be-

omes faulted twice, transforming back to FCC stacking. In this

ay, a twin with two TBs is formed ( ε = 7 . 360% ). Another mech-

nism for nanotwinning seen here ( Fig. 7 (b)) involves the inter-

ection of two SPs initially gliding on non-parallel planes ( ε =
 . 525% ). After intersecting, their glide planes change by one atomic

ayer, while maintaining the original glide direction ( ε = 7 . 575% ).
 nanotwin is then seen to nucleate at the intersection point

 ε = 7 . 625% ). 

We further analyze the process of detwinning, an unusual oc-

urrence observed only in the random MEA [1 1 0] tests. Fig. 7 (c)

hows a series of snapshots in strain of the detwinning process.

he process begins with the SF left by a mobile SP intersect-

ng with a propagating nanotwin ( ε = 9 . 275% ). At their intersec-

ion point, another SP nucleates and propagates on a plane ad-

acent to the nanotwin’s TB ( ε = 9 . 325% ). As the SP glides, the

win transforms into a SF stack of three atomic layers with HCP-

tacking ( ε = 9 . 475% ). Thus, frequent interactions between SPs and

anotwins during deformation led to transformations of nanotwins

nto HCP phase nano-ribbons. 

After point B in the stress-strain curve along the [1 1 0] loading

irection ( Fig. 4 (e)), the total planar fault density begins to drop,

nally reaching 0.41 nm 

−1 , a consequence primarily of detwinning

i.e., the drop seen in TBs from 0.25 nm 

−1 to 0.10 nm 

−1 ) . Detwin-

ing evidently overwhelms nanotwinning in the later stages of

lasticity. As demonstrated in Fig. 7 (c), detwinning originates from

he interaction between nanotwins and SP dislocations. Because

here is little immobile dislocation density to block their motion,

P dislocations can move easily, as seen by the rapid increase in

P density of 21.0 ×10 16 m 

−2 . Fast-moving and proliferating SPs in-

rease the likelihood of nanotwin intersections and, thus, detwin-

ing. In contrast, in the [111] orientation test, the planar fault den-

ities stabilize, as seen in Fig. 4 (f) by the slight decrease in SFs and

ncrease in TBs. Abundant Lomer and Hirth locks develop in the

arly stages, impeding SP motion, decreasing their probability of

nteracting with nanotwins, and suppressing detwinning. Such re-

ults are consistent with recent experimental observations in Co-

oNi MEA, reporting higher ductility in the [1 1 0] test but higher

trength in the [111] test [23] . 

.1.5. The effect of CSRO on the tensile deformation 

To distinguish the effects of CSRO from LD, we analyze and

ompare the mechanisms controlling the deformation responses of

he random CoCrNi, with no CSRO, and two other CoCrNi samples,

he 950KMDMC and 350KMDMC samples, with differing levels of

SRO. Among these three MEAs, LDs are also present but their av-

rage LDs are nearly the same ( Fig. 2 (f)). 

Fig. 8 (a–b) display the tensile stress-strain curves of the dif-

erent SC CoCrNi samples at 1 K and two [1 1 0] and [111] orienta-

ions. Comparing the three responses shows that the peak stress

ncreases with increasing degree of CSRO ( Fig. 8 (e)). In all three

EAs, the peak stress corresponds to the strain at which SPs nu-

leate and propagate. Prior to reaching the peak stress, the ma-

erial is then elastic. Comparing the elastic responses of all three

EAs indicates that with larger values of CSRO, the larger the

oung’s modulus and critical strain to nucleate SPs. Further, the

50KMDMC sample has the highest peak stress, because it exhibits

he highest Young’s modulus and strain to first nucleate SPs. 

Figure S1 in the supplementary material shows the same set of

C curves at the higher temperature 300 K, a change that raises the

hermal vibration in all samples equally, while retaining the same

evels of CSRO. The SC response at higher temperature is similar

o that at 1 K and the 350KMDMC sample maintains the highest

tress among the three MEAs. Evidently, large values of CSRO in-

rease the resistance to first nucleate SPs relative to a random MEA

ith no CSRO. 

Figure S2– S5 in the supplementary material presents an anal-

sis of the corresponding evolution in the SF and TB densities and

obile SP and dislocation densities as functions of strain. After

he peak stress is reached, the stress drops and continued defor-

ation is accommodated by SPs and nanotwinning. The relative

mounts of SP glide compared to twinning are similar among the

hree MEAs. In the [111] SC test, SP glide is the dominant de-
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Fig. 8. (a)-(b) Tensile stress-strain curves for various SC CoCrNi samples at 1 K deformed along the [1 1 0] and [111] crystallographic directions, respectively. (c)-(d) The 

corresponding pairwise CSRO parameters α1 
NiNi 

and α1 
CoCr of 350KMDMC SC CoCrNi sample as functions of strain along the [1 1 0] and [111] crystallographic directions, 

respectively. (e) The ultimate strengths for SC CoCrNi samples as functions of α1 
CoCr at 1 and 300 K when deformed along the [1 1 0] and [111] crystallographic directions, 

respectively. Here, the definitions of 350KMDMC, 950KMDMC and random samples follow Fig. 2 . 
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formation mechanism, whereas in the [1 1 0] SC test, SP and nan-

otwinning both contribute to post-yield deformation. In the later

stages of straining, detwinning occurs. These mechanisms are un-

changed with the change in the degree of CSRO among the ran-

dom, 950KMCMD and 350KMCMD samples. These results confirm

that the higher levels of CSRO resist the nucleation of SPs at yield.

In Fig. 8 (c–d), we also trace the evolution of the pairwise

CSRO parameters α1 
CoCr and α1 

NiNi 
. We observe that the degree of

CSRO starts to change when the peak tensile stress is reached and

SPs nucleate and propagate. The evolution involves an increase in

α1 
CoCr and decrease in α1 

NiNi 
( Fig. 8 (c–d)), essentially reducing the

strength of the CSRO as straining proceeds. The net effect of the

glide of SPs is to shift the original atomic neighbors and randomize

the elemental pairs. In the interest of space, only the 350KMDMC

case is shown and the results for the random and 950KMDMC

samples can be found in Figure S6 of the supplementary material. 

Prior works have reported that CSRO helps enhance tensile

strength. The viewpoint is that strengthening results from the

higher energy costs in moving dislocations through or breaking

them away from the large-value CSRO regions [55] . The higher

strength SC with higher degrees of CSRO seen here are, however,

different. We show, and isolate from LD effects, that increased lev-

els of CSRO enhance the Young’s modulus and increase the crit-

ical strain to SP nucleation, leading to the enhancement in yield

strength. 

To further reveal the role of CSRO on dislocation nucleation,

we use the crystal analysis method to identify the locations where

SPs typically first nucleate in each of these cases. The deformation

snapshots for various CoCrNi samples at the moment of dislocation

nucleation are also displayed in the middle column of Fig. 9 . For

better visualization, only atoms with α1 
CoCr 

< −0 . 8 and SF atoms

are shown in purple and red, respectively. Among all three CoCrNi

MEAs, SPs initiate within the CoCr clusters and then propagate

across the crystal. 

To determine why the SPs prefer to originate in the CoCr clus-

ters, we correlate the shear strains that develop across the crystal

with the local value of the CSRO. Fig. 10 shows the atomic shear

strains in one cross-section of the 350KMDMC SC CoCrNi sample

in (a) [89] , alongside maps of the pairwise CSRO parameters α1 
NiNi 

and α1 
CoCr , (in (b)–(c)). The shear strain distributions are inhomo-

geneous and diffuse, since the atomic shear strains are affected
 s  
y thermal fluctuations and the dynamically changing atomic ve-

ocities, unlike the CSRO maps, which use stationary atomic posi-

ions. Nonetheless, a closer look at some of the local regions with

arge shear strains (see insets), are associated with more negative
1 
CoCr 

or less positive α1 
NiNi 

, suggesting atomic strains concentrate

n the CoCr-ordered clusters rather than in the Ni-rich regions. Re-

eating the analysis for other cross-sections and the 950KMDMC

nd random CoCrNi MEAs reveals the same correlation, see Fig-

re S7 and S8 of the supplementary material. Figure S9 shows the

SFE {111} < 112 > curves for the random MEA, random CoCr mix-

ure and pure Ni. Comparing their unstable SFE indicates that it is

asier to form the faults in the CoCr and hardest in the Ni. With

igher levels of CRSO, the CoCr clusters are more likely to be sur-

ounded by Ni, making it harder for the SPs to propagate away

rom the CoCr nucleation sites. 

Like LD, CSRO appears to also resist the glide of SP disloca-

ions. Fig. 6 compares the average SP speed between the A -atom

nd two MEAs with lower degrees (950KMDMC) and higher de-

rees of CSRO (350KMDMC). The average speed decreases, not only

ith the introduction of CSRO, but also with increases in the value

f CSRO. 

.2. Nanocrystalline MEA 

.2.1. The stress-strain curves and the ultimate strength 

Fig. 11 (a) shows the calculated tensile stress-strain curves at

 K for three NC materials, the CoCrNi with CSRO (350 K), the

ominally random CoCrNi, and the A -atom pure material. As a

arked distinction from the SCs, the A -atom NC material is the

eakest among all three NC materials. Once again, however, the

trength of the NC CoCrNi with the higher degree of CSRO is

reater than the random NC CoCrNi. Fig. 11 (b) shows the tensile

tress-strain curves for the same three NC materials but at 300K.

he rank order still persists with the CSRO NC CoCrNi providing

he highest strength, followed by the random NC CoCrNi and the

ure A -atom NC material yielding the weakest strength. The A -

tom material contains no LD and the MEA has significant LD at

 K but negligible LD at 300 K ( Fig. 2 (f)). Apparently, the LD was

ot the factor that distinguishes their strength. 

Within the same plots in Fig. 11 (a-b), we also present the ten-

ile deformation responses for the material with pre-existing nan-



W.-R. Jian, Z. Xie and S. Xu et al. / Acta Materialia 199 (2020) 352–369 361 

Fig. 9. (a)-(c) Configurations of 350KMDMC, 950KMDMC and random SC CoCrNi samples under uniaxial tension at 1 K, respectively. Only atoms with α1 
CoCr < −0 . 8 and SF 

atoms with hexagonal close-packed (HCP)-like coordination are shown in purple and red, respectively. Here, the definitions of 350KMDMC, 950KMDMC and random samples 

follow Fig. 2 . (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.) 

Fig. 10. The configuration of 350KMDMC SC CoCrNi sample at the tensile strain of 0.075 and the temperature of 1 K. (a)-(c) The atoms are colored according to the atomic 

shear strain, pairwise CSRO parameters α1 
NiNi 

and α1 
CoCr , respectively. More positive valued α1 

NiNi 
and more negative valued α1 

CoCr means stronger CSRO. Here, the definition of 

350KMDMC follows Fig. 2 . 
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twins and ISFs. As would be expected, subgranular ISFs or TBs

esult in higher strengths than without. Compared to the material

ree of subgranular boundaries, strength enhancements range from

.42% to 7.18% for the ISFs and from 6.09% to 10.40% for the TBs.

ogether, large values of CSRO and pre-existing subgranular nan-

twins provide the highest strengths. 

In Fig. 12 , we analyze the strain evolution of deformation mech-

nisms of the 350 K CSRO CoCrNi NC samples both without and

ith pre-existing densities of subgranular ISFs and TBs. For the NC

aterial without initial TBs or ISFs, the analysis identifies macro
ielding with the initiation of SPs and relatively minute perfect dis-

ocation activity. The motion of the partials leads to immediate for-

ation of SFs. With further straining beyond the peak stress, SPs

ontinue to propagate and SFs and nanotwins continue to form,

nd the material macroscopically softens. We also see that glide by

erfect dislocations and accumulation of sessile dislocation storage

egins after the peak stress is reached and remains minimal for

he remainder of the straining period. In particular, a considerable

umber of TBs is generated, reaching a density of 0.12 nm 

−1 after

he strain of 0.15. Accompanying the SF increase, the densities of
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Fig. 11. Tensile stress-strain curves for the NC samples at (a) 1 and (b) 300 K. (c) The ultimate strengths for the NC samples at 1 and 300 K, respectively. Here, the definitions 

of 350KMDMC, random and A -atom follow Fig. 2 . TB and ISF denote NC samples with the TBs and ISFs inserted, respectively. 
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various other defects rise ( Fig. 12 (g)), reaching a total density of

ρ = 5 . 0 × 10 16 m 

−2 , with 80% contributed by SP dislocations. The

sequence of SFs and followed by TBs is similar to the deformation

process the SC CoCrNi sample ( Fig. 4 (e–f)). For NC material with

pre-existing ISFs (Figure c), yielding appears to be associated with

simultaneous formation of mobile SPs and nanotwins. As the mate-

rial is strained past yield, it hardens to the peak strength and then

softens. Underlying this response, both SPs and nanotwin densities

continue to rise. In contrast, for the MEA with initial subgranular

TBs (Figure b), yielding occurs at the moment when SPs move. Af-

ter yield, we observe the formation of SFs and detwinning of the

pre-existing nanotwins. The densities of mobile SPs generated dur-

ing straining are much higher than those generated during defor-

mation of the NC material free of subgranular boundaries and the

other one containing ISFs. 

Performing the same analysis on the random MEA and pure

NC A -atom material finds similar deformation mechanisms and se-

quences and similar effects of ISFs and TBs. Generally, yield in

these NC alloys occurs by the nucleation of mobile SPs from the

GBs and strain hardening after yield is associated predominantly

with SP motion and nanotwinning. These pre-existing subgrain

boundaries are not arbitrary boundaries but the same boundaries

that would be generated by the two predominant mechanisms op-

erating in this MEA, SFs and TBs. The shared outcome of these de-

formation mechanisms, however, do not readily explain why the

MEA material with CSRO studied in the foregoing analysis proved

to have the highest NC strengths at both 1 K and 300 K. Further,

it is not clear how the pre-existing subgranular TBs can strengthen

the NC alloy, while at the same time cause detwinning with strain-

ing. 
.2.2. Nucleation of mobile partials and nanotwins 

To address these issues, we used the crystal analysis method to

etermine where in the nanostructure these mechanisms formed

nd propagated. Fig. 15 compares snapshots of 350KMDMC _ NC,

50KMDMC _ NC-ISF and 350KMDMC _ NC-TB samples during ten-

ion at the strain of 10%. Analysis reveals that all NCs first form

obile SPs at the GBs before the peak stress is reached. Fig. 15 (a)

hows that a partial dislocation that has been activated from the

B can reach the opposite GB unhindered (marked by a white ar-

ow). 

First, we consider the deformation response of the NC samples

ithout subgranular TBs and ISFs. When strain is applied to the

 -atom _ NC sample, numerous SPs emit from the GBs and move

apidly, forming SFs across the crystals. In the 350KMDMC _ NC

ample, SPs also emit from the GBs, but preferentially where the

oCr lie. As an example, Fig. 13 (a) shows, over a series of in-

reasing strain levels (3.170% to 4.310%), the nucleation and mo-

ion of an SP in this sample. To expose these defects, the per-

ect FCC atoms have been removed from the image. In Fig. 13 (a),

 SP is seen emitting from an ordered CoCr cluster at the GB,

s marked by white arrows. As the analysis of the SC samples in

ig. 9 revealed, the larger the degree of CoCr CSRO, the higher the

train required to emit SPs from them. The 350KMDMC _ NC sam-

les, therefore, can be expected to be stronger than the A -atom _ NC

nd random NC MEA samples, since CoCr clustering at the GBs

akes nucleation of SPs more difficult. 

In addition, in the initially ISF- and twin-free NCs, nanotwin-

ing is seen to occur after yield, via mechanisms that are the

ame as those occurring in the SCs ( Fig. 7 (a–b)). Fig. 13 (b) shows

n example of twin nucleation in the 350KMDMC NC. SPs, nu-
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Fig. 12. (a)-(c) Tensile stress-strain curves for 350KMDMC_NC, 350KMDMC_NC-TB and 350KMDMC_NC-ISF samples at 1 K, respectively. The corresponding (d)-(f) planar fault 

(TB and SF) densities and (g)-(i) dislocation densities as functions of strain, respectively. The definitions of 350KMDMC, TB and ISF follow Fig. 11 .. 

Fig. 13. Nucleation and development of (a) dislocations and (b) nanotwinning in 350KMDMC _ NC sample during tension at 1 K. FCC atoms have been removed to better 

visualize the dislocations, planar faults and grain boundaries (GBs). SF and TB atoms are colored by red and blue, respectively. Except SF and TB atoms, GB atoms are colored 

according to α1 
CoCr . The definition of 350KMDMC _ NC follows Fig. 11 . The white arrows at ε = 3 . 170% in (a) denote the Shockley partial dislocation nucleation sites and the 

yellow lines at ε = 6 . 150% in (b) highlight the Lomer lock. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of 

this article.) 
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leating at the GBs, glide along multiple, non-planar systems,

ausing them to intersect (see highlighted by yellow lines at

= 6 . 150% ). The intersection points serve as sources for nan-

twins (e.g., ε = 6 . 385% ), which then glide across the grain (e.g.,

= 8 . 135% ). 
.2.3. The effect of pre-existing subgranular stacking faults and twins 

Fig. 15 (b) shows the defect evolution in a set of grains within

he 350KMDMC _ NC-ISF sample containing pre-existing subgranular

SFs. SPs forming from the GBs are hindered by the ISFs (as marked

y A, B and C). After cutting through the ISFs, the SPs deviate from
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Fig. 14. The evolution of (a) detwinning, (b) three-dimensional (3D) nanotwin network structure and (c) Lomer lock in 350KMDMC _ NC-TB sample during tension at 1 K. 

The definition of 350KMDMC _ NC-TB and the atomic coloring follow Fig. 11 and Fig. 13 , respectively. (a), (b) and (c) correspond to regions A, B and C, respectively. In (b), 

white arrows at ε = 7 . 465% and white dash lines at ε = 7 . 615% highlight the primary and secondary nanotwins. To aid visualization in (c), various dislocation types are 

distinguished by different colors. 

Fig. 15. The snapshots of (a) 350KMDMC _ NC, (b) 350KMDMC _ NC-ISF and (c) 350KMDMC _ NC-TB samples at 1 K and the tensile strain of 10%. The definitions of 

350KMDMC _ NC, 350KMDMC _ NC-ISF and 350KMDMC _ NC-TB samples follow Fig. 11 , while the atomic coloring follows Fig. 13 . A, B, and C in (b) denote the inserted ISFs. D, 

E and F in (c) represent the inserted TBs. 
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their original glide planes. The increase in the density of SFs and

twins generated by the moving SPs is similar or even lower than

those of the NC sample without pre-existing ISFs ( Fig. 12 (f) and

(i)). Evidently, introducing subgranular ISFs do not promote or de-

lay emission of SPs and the enhanced strength results from the

interactions between the pre-existing ISFs and the mobile SPs. 

Fig. 15 (c) analyzes the defect evolution in the NC with pre-

existing twins. Unlike the NC with pre-existing ISFs, the motion of

the SPs is completely blocked by the pre-existing TBs (marked by

D, E and F in Fig. 15 (c)). New SPs are generated at these intersec-

tions and they glide along the mirror plane according to the TB, (as

shown by white arrows), forming a zigzag ISF structure. We find

that the TBs also provide planes on which SPs from the GBs can

glide. Fig. 14 (c) shows an SP, which is in this case a twinning par-
ial, gliding on the (11 1 ) TB plane at 6.650% strain and resulting in

B migration. Eventually it interacts with another partial disloca-

ion gliding on the (1 1 1) plane at 6.865% strain, forming the Lomer

ock. Finally, the SP, from one side of the newly formed Lomer lock,

ntersects another SF at a strain of 7.015%, resulting in the cre-

tion of a SF network. Thus, the TBs, by diverting the glide path

f the SPs and providing planes on which SPs can glide as twin-

ing partials, promote the formation of SPs and SFs. As a result,

he highest rates of SP and SF density evolution occur in the NC

ith pre-existing subgranular twins. We note that TEM analyses on

oCrNi MEA [25] observed similar events of twinning and multi-

lanar slip at cryogenic temperatures and had proposed them to

e linked to the remarkably good ductility of this MEA at cold

emperatures. 
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At the same time, in the 350KMDMC _ NC-TB sample, for in-

tance, we observe detwinning of the pre-existing twins with

training, as suggested by the reduction in TB density from

.34 nm 

−1 at 0.05 strain to 0.25 nm 

−1 at 0.15 strain ( Fig. 12 (e)).

nalysis of the dynamics within the nanocrystals confirms that

he reduction in TB density is associated with detwinning in some

rains ( Fig. 14 (a)), via the same process as detailed in Fig. 7 (c).

nitially ( ε = 8 . 865% in (a)), an SP, denoted by the white arrow, is

mitted from the GB on a plane adjacent to the TB, leaving behind

n SF containing two atomic layers adjacent to the TB plane. As the

P extends, the SF that is created in its wake transforms the neigh-

oring TB atoms into SF atoms ( ε = 9 . 115% ), resulting in a new SF

tructure with three atomic layers ( ε = 9 . 215% ). This transforma-

ion of pre-existing TBs to SFs also contributes to the rise of the SF

ensity ( Fig. 12 (e)). 

In most of the grains, the pre-existing TBs are removed leading

o a net reduction in TBs, yet in a small number of grains, a three-

imensional (3D) nanotwin network forms. Fig. 14 (b) demonstrates

he formation of one such network by the intersection of non-

arallel nanotwins in the same grain. SP dislocations in differ-

nt slip systems, followed by SFs, can be activated during ten-

ion. Some of the SFs are parallel to the inserted TBs (e.g., (1)

t ε = 7 . 375% ), while others are not (e.g., (2) at ε = 7 . 375% ). The

ntersections in the latter grains can give rise to secondary nan-

twins, non-parallel to the initial TBs (white arrows at ε = 7 . 465% ).

s a result, a 3D nanotwin network forms, as highlighted by the

hite dash lines ( ε = 7 . 615% ). We note that 3D nanotwin net-

orks were also reported from an experimental study on deformed

oCrNi [18] . To summarize, the differences between the SP/ISF and

P/TB interactions taking place in the nanocrystals after yield ex-

lain why the NC with pre-existing twins (350KMDMC _ NC-NT) has

he highest strength. These results suggest that pre-straining the

C to introduce TBs could help to further strengthen CoCrNi MEAs.

.3. Discussion 

In this work, we tested many forms of MEAs, –SCs and NCs,

nd random samples and samples with CSRO–at two deformation

emperatures, 1 K and 300 K. The MD simulations here are used

o provide insight into the relationship between LD and CSRO on

he underlying mechanisms of deformation. Due to the limited

ime and length scales inherent to the approach, the strain rates,

tresses, and dislocation densities will be much higher than real-

zed experimentally. In the typical quasi-static loading condition

sed in experimental studies, involving for instance CoCrNi MEA

28] , CoCrFeMnNi HEA [90] and AlCoCrFeNi HEA [91] , the disloca-

ion densities range from 10 13 m 

−2 to 10 15 m 

−2 at the strain rate

f 10 −4 s −1 ∼ 10 −3 s −1 . In contrast, in the present calculations, the

islocation densities generated under a strain rate of 5 × 10 8 s −1 lie

n the range from 10 16 m 

−2 to 10 17 m 

−2 . Further, actual materials

ontain internal, pre-existing defects, whereas the starting crystals

n the current simulations are perfect. With the high strain rates in

ombination with the defect-free initial state, the stresses reached

n simulation cannot be possibly achieved experimentally. Here, we

ocus on the mechanisms explaining how changes in LD and CSRO

ould affect the evolution of stress and defect densities, and, as

iscussed below, we find that the calculated results shed light on

bservations reported on CrCoNi and other FCC MEAs and HEAs. 

Compared to the pure A -atom reference material, the MEAs ex-

ibited better stability with respect to elevated temperatures in

heir critical dislocation nucleation strain and their yield strength.

any experimental studies have reported outstanding thermal sta-

ility in mechanical properties in this and other MEAs and HEAs

1,92,93] , and have generally attributed it to high mixing entropy

nd sluggish diffusion or phase decomposition, which are all char-

cteristic of MEAs and HEAs [94] . However, due to the difficulties
n studying diffusive dynamics in the very limited time scale of MD

imulation, the thermal stability seen here has a different origin.

n SC MPEAs, without the presence of GB sources, we find that LD

educes the strain to nucleation, in a similar way that thermal vi-

rations lower strains to nucleation. Thus, when thermal vibrations

ncrease and LDs decrease with increases in temperature, the net

ffect on the strain to nucleation in the MPEA is similar. In con-

rast, in the pure metal with no LD, going from little to no thermal

ibrations at low temperature to increased thermal vibrations at

levated temperature detrimentally lowers the nucleation strain. 

LD has been associated with increasing the resistance to dis-

ocation glide [40] . Here we reveal that LD has an unusual effect

f also lowering the Young’s modulus and the strain to nucleation

ithin perfect SCs. Without grain boundaries or internal defects

o provide easy nucleation sites for dislocations, MEA SCs with LD

ill produce dislocations at lower strains and stresses than a SC

ithout LD, such as the A -atom SC. When the yield strengths of

he SC samples are determined by the stress to first nucleation of

islocations, the A -atom SC sample, therefore, will have the high-

st strength above all the MEAs (see Fig. 3 ). LDs, however, do not

ower the SP nucleation strain below that from GBs. Consequently,

n NCs, the effect of LD on propagation, and not on dislocation nu-

leation, is realized, and we observe that MEA NCs are stronger

han A -atom NCs ( Fig. 11 (c)). 

Another interesting phenomenon often reported from experi-

ental and modeling studies of FCC MEAs is the prevalence of

anotwinning. For the same orientation, the MEA SCs form much

igher fractions of nanotwins (higher density of TBs) compared to

he A -atom SC. The extent of nanotwinning in the MEA is so preva-

ent that even the orientation-dependent competition between slip

nd twinning, common in pure FCC metals, is altered. It is ex-

ected in FCC metals that tension in the < 111 > direction fa-

ors twinning, whereas tension in the < 110 > direction favors slip,

ince the former stress state promotes widening of extended dislo-

ations as the stress increases [69–73] . The A -atom SC exhibits this

onventional orientation-dependence, with little nanotwin forma- 

ion in the < 111 > direction and nearly none in the < 110 > di-

ection. However, more twins are generated in the random CoCrNi

EA SC when the sample is tested in the < 110 > direction than

n the < 111 > direction ( Fig. 4 (e) versus Fig. 4 (f)). This anoma-

ous behavior is also observed by the tensile experiments of the

C CoCrNi MEA [23] , where nanotwinning was prominent in the

 110 > tensile test, while dislocation slip and nanotwinning pre-

ailed in the < 111 > tensile direction. 

Direct comparisons of the SC responses of the CoCrNi MEA with

he A -atom reference metal at 1 K demonstrates that LD plays a

ey role in promoting nanotwinning in the MEA after yield and

hroughout the straining period. LD does not alter the mechanisms

f twinning from those understood for pure FCC crystals. Instead

D encourages twinning over SF formation by lowering the strain

or SP nucleation, while at the same time increasing their resis-

ance to propagation. In the A -atom SC, the [111] suitable orienta-

ion for twinning promotes SP nucleation, whereas in the MEA SC,

D promotes it in both orientations. In the [111] orientation, in the

 -atom material, after nucleation, the SPs move with little resis-

ance and on multiple, non-coplanar glide planes homogeneously

hroughout the SC. In the MEA under [111] tension, SPs nucleate

lso on multiple planes, but more profusely, and afterwards move

lower, increasing the chances for twinning. The frequent SP inter-

ections on non-coplanar planes for this orientation also gives rise

o sessile dislocation structures, characterized by the large num-

er of Lomer and Hirth locks in Fig. 4 (n). They tend to reduce

he space required for twin formation by both twin mechanisms

 Fig. 7 (a)–(b)). In [1 1 0] tension, however, SP formation is also pro-

use but the frequency of intersections and lock formation is lower.

onsequently, in the early stages of straining, more twins develop



366 W.-R. Jian, Z. Xie and S. Xu et al. / Acta Materialia 199 (2020) 352–369 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

D

 

c  

i

A

 

Q  

W  

o  

S  

e  

S  

s  

G  

p  

1  

(  

S  

S  

t  

g  

F

A

 

C

unconventionally for the [1 1 0] orientation than the [111] orienta-

tion. With more [1 1 0] tension, however, the SP intersections in-

crease, causing some of the initially formed nanotwins to detwin. 

Higher temperatures have similar effects as LD, in promoting SP

nucleation and slowing down SP glide [95] . The result is a higher

chance for twinning for the same SC orientation at 300 K than at

1 K. For the A -atom SC, this effect of temperature on twinning is

more apparent than in the MEA SCs, since in the MEAs, some com-

bination of LD and thermal vibrations exist at all temperatures. 

In addition to LD, CSRO is shown to play an especially impor-

tant role in dislocation nucleation. Calculations of strain distribu-

tion maps in Fig. 10 (as well as Figures S7-S8) show that higher

degrees of CSRO in the form of larger CoCr clusters and Ni segre-

gation correspond to larger regions of localized strains in the CoCr

regions. Such an inhomogeneous distribution of strain calculated

here has been observed experimentally in [46] . They reported that

larger fluctuations in local strain in the CoCrNi MEA were asso-

ciated with larger values of CSRO and that they appeared to be

correlated with higher SFE, hardness, Young’s modulus and yield

strength. Consistent with their findings, we observe in simulation

in Fig. 8, Fig. 11 and Fig. A.1 , that the elastic modulus, SFE, and

ultimate strength increase with increasing levels of CSRO. Here,

we reveal that dislocations prefer to nucleate at the clusters that

possess a combination of the lowest local unstable stacking fault

energy (USFE) and highest shear strain concentrations. We iden-

tify that the strengthening with stronger CSRO partly arises from

the increased difficulty in emitting dislocations from these sites

when the USFE of the surrounding regions is higher. This finding

implies that strengthening with CSRO can be expected when the

USFE difference between the two neighboring segregated domains

is large. Although the range of CSRO values, the strains they in-

duce, and their physical properties, e.g., elastic modulus, strength

and SFE, vary with processing and MPEA compositions, their influ-

ence on the dislocation nucleation found here ought to apply to

other MPEAs with other compositions. 

4. Conclusions 

In this work, large-scale molecular dynamics (MD) simulations

are performed to investigate the effects of lattice distortion (LD)

and chemical short-range ordering (CSRO) on the tensile deforma-

tion of single crystal (SC) and nanocrystalline (NC) CoCrNi medium

entropy alloys (MEAs). To quantify and elucidate their effects, cal-

culations are repeated on a hypothetical A -atom material, which is

a pure metal with no LD and CSRO but sharing virtually the same

lattice constant and the same bulk elastic constants as CoCrNi. The

main conclusions are: 
Fig. A.1. (a) GSFE curves for A -atom and various SC CoCrNi MEA samples. The unit lengt

constant for various samples. (b) The intrinsic SFE γ isf and unstable SFE γ usf as functions 

are also shown as the dashed line and the solid line for comparison. Here, the definitions
• LD lowers the Young’s modulus and strain for nucleation of

Shockley partials (SPs). 

• In all SC MEAs, the SPs nucleate inside the CoCr clusters, which

generate the highest shear strains and have the lowest unstable

stacking fault energy compared to those of the random MEA

and Ni regions. 

• Nanotwinning is more prevalent in the MEAs than the A -atom

material, since larger LDs promote SP nucleation and both LDs

and CSRO increase the resistance to SP propagation. 

• The peak strengths of all NC MEAs are higher than that of the

NC A -atom since after nucleation, and LDs and CSRO increase

SP glide resistance. 

• Introducing pre-existing nanotwins within the NC grains results

in the highest strength and highest density of mobile SPs. Pre-

existing twin boundaries (TBs) serve as strong barriers to non-

planar SP glide, while also providing easy planes on which SPs

can nucleate and glide. 
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ppendix A. Generalized stacking fault energy (GSFE) curves 

We calculate the GSFE curves for the A -atom and various SC

oCrNi MEA samples ( Fig. A.1 (a)). With dimensions of ∼ 7.6 nm ×
h along the displacement direction is a 
√ 

6 / 2 , where a is the corresponding lattice 

of α1 
CoCr for various SC CoCrNi MEA samples. In (b), γ isf and γ usf of A -atom sample 

 of random, 350KMDMC, 950KMDMC and 1350KMDMC follow Fig. 2 . 
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Table B.1 

Lattice parameter a , cohesive energy E coh , elastic constants C 11 , C 12 , and C 44 , intrinsic and unstable stacking fault ener- 

gies γ isf and γ usf for random CoCrNi and A -atom samples. Random and A -atom represent the sample with completely 

random atomic distribution and a mean-field CoCrNi produced by an A -atom potential, respectively. 

Sample a ( ̊A) E coh (eV) B (GPa) C 11 (GPa) C 12 (GPa) C 44 (GPa) γ isf (mJ/m 

2 ) γ usf (mJ/m 

2 ) 

Random 3.556 −4 . 322 202.9 252.6 178.7 95.1 −14 . 97 310.34 

A -atom 3.553 −4 . 326 208.3 265.7 179.6 100.4 −25 . 26 321.34 
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c

3.1 nm × 24.7 nm along x -, y - and z -axes, total number of atoms

n the computational configurations comes to 216,0 0 0 atoms. The

1 1 0], [11 2 ] and [111] crystallographic directions lie parallel to the

 -, y - and z -axes, respectively. PBCs are only applied in the x and y

irections. To obtain the GSFE curves, the upper half of each sam-

le is displaced along the y -axis on the (111) plane. To ensure a

ood statistical representation, each GSFE curve for the SC CoCrNi

EA samples in Fig. A.1 (a) is obtained by averaging the results

f 120 CoCrNi configurations. Fig. A.1 (b) also includes the intrinsic

FE γ isf and unstable SFE γ usf for various SC CoCrNi MEA samples

s functions of α1 
CoCr . 

ppendix B. Characterization of the A -atom potential 

To characterize the reliability of the A -atom potential, we fur-

her compare some basic properties of random CoCrNi and A -atom

amples, such as lattice parameter, cohesive energy, and local max-

ma and minima in their generalized stacking fault energy land-

capes. The results are shown in Table B.1 . Overall, the values be-

ween random CoCrNi and A -atom samples are similar, demon-

trating that the A -atom EAM potential is sufficiently reliable for

echanical calculations. 
ig. C.2. SP dislocation displacement-time curves for four SC samples deformed via tens

d) 350KMDMC. Here the definitions of random, 350KMDMC and 950KMDMC follow Fig. 

alculate the average SP speed. 
ppendix C. Estimation of the average velocity of SP motion in 

he A -atom and CoCrNi samples 

To obtain an estimate for the average velocity of the Shockley

artials (SPs), we consider the CoCrNi and A -atom SC samples de-

ormed in tension in the [1 1 0] direction at 1 K. This choice aims

o remove the effects of the GBs in the NC samples and mini-

ize the effects of Lomer and Hirth locks that tend to form much

ore readily in the early stages of tension testing along [111] direc-

ion than the [1 1 0] direction. We begin with SF density-time and

P dislocation density-time curves, which follow the SF density-

train curves and SP density-strain curves shown in Fig. 4 , since

ime is proportional to strain. Next by assuming that, in the early

tages of straining, every SF forms from the glide of SPs, the area

f SF is then be estimated by the product of the line length of

P dislocation and its gliding distance. Next, the SP displacement

s obtained by dividing the SF density by the SP dislocation den-

ity. Fig. C.2 compares the resulting SP displacement-time curves

or the A -atom and three CoCrNi SC samples. These plots begin at

he time when the first SP dislocation has nucleated. In the early

tages of plastic deformation, the curves are linear up to a certain

train level, marked by the vertical red line in each case. The aver-
ion along the [1 1 0] direction at 1 K: (a) A -atom, (b) random, (c) 950KMDMC and 

2 . Only the early stage of each curve (marked by the vertical red line) is utilized to 
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age SP speed can be estimated by the derivative of SP displacement

with respect to time in this region. Fig. 6 compares the average SP

speed resulting from this calculation for the four SC [1 1 0] samples.

Supplementary material 

Supplementary material associated with this article can be

found, in the online version, at 10.1016/j.actamat.2020.08.044 
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